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The impact of pre-shock loading on the precipitation reactions in an Al-Mg-Si alloy (AA6022)
was studied by means of differential scanning calorimetry (DSC), transmission electron
microscopy (TEM) and hardness measurements. The samples were solutionized and quenched
in water prior to subsequent shock-loading and aging treatment. The TEM and DSC results
show that, while shock-loading prior to aging facilitated the precipitation of Q ′ and β, no
significant effect on β ′′ precipitates was observed. The hardness studies indicate that pre-shock
loading strengthens the material by forming a high concentration of microstructural defects,
however the resultant mechanical properties of the shocked sample are comparable to those
without shock processing at the peak of aging. It was found that the rate of overaging is higher
in shocked samples, which is in agreement with the DSC and TEM results.
C© 2006 Springer Science + Business Media, Inc.

1. Introduction
The relationship between intense shock compression and
material defects has had a long history, dating back to the
early work [1] who proposed a specific mechanism for
the generation of dislocations occurring at moving shock
discontinuities. Early work on dynamic yielding resulting
in elastic precursor decay ([2]) illustrated the significant
effects of small preexisting concentrations of divalent im-
purities on dynamic yield processes in single crystal LiF.
Generally, it is known that shock-loading produces a large
number and variety of distributed defects in solids, includ-
ing dislocations, stacking faults, and twins. An extensive
literature has been developed dealing with the effects of
shock-loading on the production of these various defects
that are known to influence mechanical properties such as
quasi-static loading. It is not appropriate to discuss this
previous work in the present paper; the reader is directed
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to a few selected references for further information on the
topic ([3–7]). In contrast to the general studies of shock-
induced defects, there are relatively few reports dealing
with the effect of shock-loading on the specific issue of
aging properties resulting after shock-loading. Recent pa-
pers on this issue include the work [8] on the characteriza-
tion of a shock-loaded aluminum alloy [9] on the effect of
shock-wave prior to the aging of austenitic stainless steels
[10] on studies of aging processes in shocked aluminum
alloys.

In spite of a limited number of studies on the combi-
nation of shock-loading and aging response of aluminum
alloys, apparently no detailed analyses are available on the
effect of shock-loading on the evolution of precipitation
structures of these alloys during aging. In contrast, exten-
sive studies on the precipitation sequence of aluminum
alloys without shock-loading are available in the litera-
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ture e.g. [11–13]. In general, the age-hardening response
of Al-Mg-Si alloys is based on the precipitation reactions.
A widely accepted precipitation sequence in these alloys
is:

α(SSSS) → Clusters/GP zones → β ′′ → β ′ → β

Atomic clusters of Mg and Si and GP zones are be-
lieved to form at an early stage of precipitation from su-
persaturated Al-Mg-Si aluminum alloy [11–13]. Their ex-
istence has been confirmed by means of three dimensional
atom probe analyses (3DAP) [12]. The β ′′ are fine needle-
shaped precipitates along <100>Al, and have monoclinic
structure [14]. Maximum hardness can be achieved when
β ′′ dominates the precipitates in the material. The β ′ pre-
cipitates with hexagonal crystal structure form after β ′′
precipitates in the aging sequence [15]. They are rod-
shaped and are aligned along <100>Al. In Al-Mg-Si al-
loys, the equilibrium β-phase has antiflourite FCC struc-
ture with lattice parameter of 0.639 nm [16].

This paper aims to investigate the effect of shock-
loading on the precipitation sequence during dynamic
aging and isothermal aging of an Al-Mg-Si alloy. It is
expected that the production of a high and uniform con-
centration of microstructural defects due to shock-loading
influence the aging response of the material. In this work
systematic transmission electron microscopy (TEM) and
differential scanning calorimetry (DSC) experiments were
performed to characterize the evolution of precipitate
structures as well as aging response of an Al-Mg-Si alloy.

2. Experimental procedure
Aluminum alloy 6022 (AA6022) with the composition of
0.55%Mg-1.10%Si-0.07wt%Cu was received in thin plate
form with a thickness of 3.50 mm. Solution treatment
was carried out at 550◦C for 1 h with a programmable
furnace and then water-quenched to room temperature.
The samples were then preserved at 0◦C before further
experiments.

A schematic of the impact test and soft recovery con-
figuration of samples is shown in Fig. 1, which is based on

designs previously developed [17, 18]. For experiments
of shock-induced aging effects, 6022 aluminum samples
were machined in the form of disks, 50.8 mm in overall
diameter and 3.07 mm in thickness. Each sample studied
was prepared in two pieces. The inner piece was 25.4 mm
in diameter with a beveled edge on the outer diameter
of 8 deg to the normal. The outer ring had a matching
bevel angle to accommodate the inner piece with a tight
press fit between the inner diameter of the ring and the
central piece. The bevel angle direction was chosen, as il-
lustrated in Fig. 1 to allow quick separation of the central
aluminum sample from the aluminum guard ring after first
shock passage and consequent unloading upon reflection
for the shock wave from the back surface (right side in
Fig. 1) of the sample assembly. The inner diameter was
designed so that after the central piece is fully unloaded,
the inward moving radial release waves would cause a
separation of the two pieces, resulting in a central piece
which was only loaded and unloaded with planar stress
waves. The pieces were bonded together with a molyb-
denum lubricant to minimize perturbations caused by the
shock wave at this interface. To produce the desired im-
pact stress, the sample was impacted by a flat disk of
aluminum accelerated to the velocity of 292 m/s. A mea-
sured planar impact stress of about 2.3 GPa was produced
upon initial impact and maintained for a time duration of
about 1 µs before planar unloading by shock reflection
from the back free surface of the sample. Immediately af-
ter the shock wave experiment, the sample was recovered
from the recovery fixture and placed in a liquid nitrogen
bath for further metallurgical examination.

To perform DSC experiments, the shock loaded sam-
ples were grinded on both surfaces to the thickness of
0.5 mm and then punched into 3 mm disks. The aver-
age weight of the DSC samples was 9.4 ± 0.3 mg. The
Rheometric ScientificTM DSC instrument was used for
calorimetric analyses. A protective atmosphere of pure
argon at the rate of 11 ml/min was passed through the cell
to avoid materials oxidation during the experiment. To
study the precipitation sequence in the alloy, the shocked
and un-shocked samples were subjected to a heating rate
of 10◦C/min up to a temperature of 550◦C. This procedure

Figure 1 Experimental configuration used for shock-loading and soft recovery of aluminum samples shocked to about 2.3 GPa. The inside of the soft
recover fixture was filled with absorbent materials to minimize secondary loading of the recovered aluminum sample after impact and release from the guard
ring.
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was repeated for several samples and a good reproducibil-
ity in the plotted DSC curves was observed. To charac-
terize the microstructural evolution during the DSC tests,
samples for TEM analyses were prepared by heating in the
DSC machine with the same heating profile used during
the DSC experiments. Samples were removed from the
DSC apparatus and immediately quenched in cold water
subsequent to achieving the temperature at which each
peak in the DSC curves was observed.

To study the precipitate evolution during isothermal ag-
ing, the shocked samples were grinded on both surfaces to
a total thickness of 0.5 mm and then were aged at 175◦C
in a salt bath furnace for various periods of time. Vickers-
micro hardness and TEM studies were performed on the
aged samples. Hardness measurements were conducted
with a 500 g load. The hardness data were determined
from the average of at least four readings from each sam-
ple.

TEM specimens were prepared by twin jet electro-
polishing unit in a solution of 30 (vol.)% HNO3 and
70 (vol.)% Methanol at −20 ± 5◦C and 12 VDC. TEM
investigation was conducted in a Philips CM200 micro-
scope operating at 200 keV. The selected area diffraction
patterns (SADs) and dark field (DF) images were ana-
lyzed in the exact <100> zone axis orientation. Due to
the strong contrast of dislocations and precipitates, it was
very difficult to carefully analyze the precipitate structures
(especially precipitate cross sections) in the exact <100>

zone axes of Aluminum. Therefore the bright field im-
ages were obtained by tilting the sample holder less than
2◦ away from <100> aluminum zone axes.

3. Results and discussion
Fig. 2 shows the DSC thermogram for the as-quenched
sample, heated to 550◦C at a heating rate of 10◦C/min.
Four exothermic and one endothermic peaks were de-
tected in the DSC and marked along the curve in se-
quence. The overall shape of the DSC curve is sim-
ilar to those published in the literature on similar
alloys [19, 20].

The clustering of Mg, Si and Mg-Si atoms and GP zone
formation at the early stage of precipitation in Al-Mg-Si

Figure 2 DSC thermogram of the as-quenched sample taken at a heating
rate of 10◦C/min.

alloys has been studied recently and their existence has
been proven by 3DAP and high resolution TEM analy-
sis [12–13]. Due to the blocky shape of the GP zones in
Al-Mg-Si alloys, streaking from GP zones would not be
expected to occur in diffraction pattern analyses. In addi-
tion, the atomic scattering factors of these three elements
are very close to each other. Therefore it is difficult to
resolve these zones by conventional TEM imaging. Thus,
the exothermic peak I can be due to the formation of clus-
ters/GP zones during heating of the as-quenched samples.
Furthermore the temperature range for the formation of
GP zones is consistent with previous studies on alloys
with similar chemical composition [13, 19, 20]. For ex-
ample, Miao and Laughlin [19] reported the temperature
range of 60–120◦C for the formation of clusters/GP zones
in AA6022. Therefore as for previous reports, peak I is
presumed to be due to formation of atomic clusters and
GP zones.

The TEM micrographs corresponding to the samples
heated just above peaks II, III and IV in Fig. 2 are
shown in Figs. 3–5 respectively. Fig. 3 shows the bright
field (BF) TEM micrograph and selected area diffraction
(SAD) pattern of the alloy heated to 230◦C (peak II). The
needle-shaped precipitates are distributed homogenously
in the matrix with their long axis parallel to [100]Al and
the dark spots are needles pointing in the viewing di-
rection (Fig. 3a). The SAD pattern shows faint streaks
along [010]Al and [001]Al due to needle-like precipitates
(Fig. 3b). The streaks seen in the diffraction pattern of
Fig. 3b agree well with the diffraction pattern for β ′′ ob-
served by Miao and Laughlin [19] and Murayama et al.
[21]. Close examination of the end-on precipitates shows
that in addition to the β ′′ precipitates, small lath-shaped
precipitates are also present, as shown at higher magnifica-
tion in the upper part of Fig. 3a. According to Chakrabarti
and Laughlin [22] the habit plane and orientation relations
of the lath-shaped precipitates at the late stage of overag-
ing resembled that of Q′, while they were different for the
lath precipitates at early stages, thus indicating that they
were possible precursors to the Q′ phase. Fig. 4a shows
the bright field TEM image of the precipitates after the
occurrence of peak III. The diffraction pattern (Fig. 4b)
and its analyses [19] (Fig. 4c), and close examination of
the end-on precipitates in the bright field TEM image
revealed the existence of two types of precipitates, the
rectangle-shaped precipitates were present in addition to
the rod-like β ′ precipitates. The rectangle-shaped precipi-
tates have an angle less than 11◦ with the nearest <100>Al

zone axes which agrees well with characteristics of the Q′
precipitates [23]. Therefore one can conclude that that the
precipitate event corresponding to peak III on the DSC
trace is the simultaneous precipitation of β ′ and Q′. The
energy dispersive spectrometry (EDS) analysis of precip-
itates on peak IV (Fig. 5a) determined that they are Si
and Mg2Si phases (Fig. 5b and 5c) which agrees well
with results of [24]. The diffraction pattern of the region
containing Mg2Si phases and its analysis [16] is shown in
Fig. 5d and 5e. The reflections other than those from the
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Figure 3 Microstructure of specimen heated up to peak II. (a) The needle-shaped β ′ ′ precipitates+ lath-shaped precipitates. (b) The <100>Al SAD pattern
of microstructure in (a).

Figure 4 (a) The microstructure of the sample heated to peak III with heating rate of 10◦C/min. The precipitates are either β ′ or Q′ and are shown by
arrows. (b) The <100> Al zone axes TEM diffraction pattern of microstructure (a) and its analyses (c).

Al matrix can be indexed as those from β-Mg2Si and the
double diffractions between the precipitates and the ma-
trix are indicated by open circles in Fig. 5d. The possible
origin of other reflections seen in Fig. 5d can be attributed
to Si particles. The analyses of diffraction pattern indicate
that the Mg2Si particles are related to the matrix by the
cube-cube orientation relationship:

[001]ß−cubes||[001]Al, [100]ß−cubes||[100]Al,

[010]ß−cubes||[010]Al

Ohmori et al. [16] and Westengen and Ryum [25] have
also reported the formation of such cuboid precipitates in
Al-Mg-Si alloys. Therefore the precipitation event corre-
sponding to peak IV is due to β-cubes and Si precipitates.
The broad endothermic peak V is caused by the dissolu-
tion of β-cubes and Si precipitates.

In Fig. 6 the DSC plots for the as-quenched and shock-
loaded samples are displayed. As can be seen, while the
occurrence temperature of peaks I and II and peaks I′ and
II′ look similar in both the shock-loaded and un-shocked
samples, the temperature formation of peaks III′ and IV′
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Figure 5 (a) The microstructure of the sample heated to peak IV with heating rate of 10◦C/min. The EDS analysis indicates that the precipitates are (b) Si
and (c) β. (d) <100>Al diffraction pattern corresponds to microstructure (a). (e) Schematic of the diffraction pattern (d).

in Fig. 6b is lower than peaks III and IV in Fig. 6a. To
investigate the DSC results in more detail, TEM studies
were performed on the samples heated to peaks I′, II′, III′
and IV′ respectively. Conventional TEM analysis on peak
I′ revealed no distinct precipitates in the microstructure
and thus similar to the argument given for peak I, it was
assumed that the peak I corresponds to clustering/GP zone
formation. The heat of reaction corresponding to peaks
I and I′ looks similar which means that shock-loading
prior to dynamic heating did not affect the formation of
clustering/GP zones.

Fig. 7 corresponds to the bright field TEM micrograph
and SAD pattern of the alloy heated up to 230◦C (peak

II′). Similar to Fig. 3, the needle-shaped precipitates are
seen in the matrix parallel to the <100>Al zone axis of the
matrix (Fig. 7a). The morphology of the precipitates and
the symmetrical faint streaks in the SAD pattern (Fig. 7b)
suggest that these precipitates are β ′′. Close examination
of the end-on precipitates shows that in addition to the
needle-shaped precipitates, small lath shaped precipitates
are also present. Therefore peak II′ is characterized to
be due to the formation of β ′′ and lath-shaped precipi-
tates. By comparing the precipitates in peaks II and II′,
one can conclude that the pre-shock loading did not have
any significant effect on the nature of β ′′ and lath-shaped
precipitates formation.

1715



Figure 6 DSC curves at a heating rate of 10◦C/min for samples (a) as-
quenched condition (b) shock-loaded prior to DSC run.

Fig. 8 shows the bright field TEM image and SAD pat-
tern of the precipitates after the occurrence of peak III′.
Although it seemed that rod-like or needle-like precipi-
tates with different diameters were observed along [010]Al

and [001]Al directions, close examination of the end-on

Figure 9 The <100>Al TEM dark field micrograph of the microstructure
of shock-loaded sample after the occurrence of peak III′.

precipitates revealed that most of them were rectangle-
shaped. This can be seen clearly in the TEM dark field
image of this sample (Fig. 9). Diffraction pattern and
analyses of the end-on precipitates in the dark field TEM

Figure 7 The microstructure of the sample shock-loaded prior to DSC heating experiment after the occurrence of peak II′ (a) Bright field imaging (b) SAD
pattern at <100>Al zone axes.

Figure 8 The microstructure of the sample shock-loaded prior to the DSC heating experiment after the occurrence of peak III′ (a) Bright field imaging (b)
SAD pattern at <100>Al zone axes.
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Figure 10 The microstructure of shock-loaded sample heated to peak IV′ (∼330◦C) (a) The dark field micrograph shows β-cubes (b) The diffraction pattern
including <100>β−cubes and <100>Al (c) The schematic representation of (b).

image, suggests that the rectangle-shaped precipitates are
Q′. It is interesting to note that while the peak III in the un-
shocked sample corresponds to β ′ and Q′, the exothermic
peak III′ is due to the formation of Q′ precipitates. In a
previous study [26], we observed similar behavior of the
pre-deformed samples. This also agrees well with high
resolution TEM analyses of Matsuda et al. [27]. His stud-
ies showed that Type-C precipitates (similar to Q′ phase)
were typical in the deformed Al-Mg-Si alloys containing
excess Si. Therefore the precipitation event corresponding
to peak III′ on the DSC trace of Fig. 6b can be character-
ized to be due to the precipitation of Q′.

The bright field image, the SAD pattern and the key di-
agram for the microstructure corresponding to the sample
heated to 330◦C (peak IV′) are shown in Fig. 10a, 10b
and 10c. The presence of Q′ phase can be recognized in
the bright field image shown in Fig. 10a. The diffraction
pattern (Fig. 10b) and its analysis (Fig. 10c) indicate that,
similar to the un-shocked samples, the β-cubes are present
and related to the matrix by the orientation relationship:

[001]ß−cubes||[001]Al, [100]ß−cubes||[100]Al,

[010]ß−cubes||[010]Al

EDS analyses reveal that in addition to β particles,
Si precipitates were also present in the microstructure.
Therefore peak IV′ corresponds to the formation of β-
cubes, Q′ and Si precipitates. In contrast to peak IV
in the un-shocked sample, the Q′ phases are present
in this precipitation event, and the peak temperature in

Figure 11 Dependence of hardness on artificial aging time at 175◦C. (a)
without shock-loading (b) with shock-loading.
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Figure 12 The microstructure of AA6022 after being quenched from solu-
tionizing temperature and subsequently shock-loaded to 23 GPa.

the shock-loaded sample is shifted to lower temperature
by ∼50◦C.

The age-hardening behavior of the shock-loaded
AA6022 samples was also studied. Fig. 11 shows the hard-
ness as a function of artificial aging time for samples with
and without shock-loading at a temperature of 175◦C. At
the early stage of aging the hardness of the shock loaded
sample is significantly higher than the un-shocked sample

due to high dislocation density and other microstructural
defects produced after shock-loading (Fig. 12). At later
stages of aging the hardness of both the shocked and
un-shocked samples becomes closer and eventually both
samples reach the same hardness value after 400 min ag-
ing at 175◦C (peak of hardness). For further details, TEM
analyses were performed on both samples at the peak of
hardness and the results are shown in Fig. 13. Accord-
ing to the diffraction pattern and close examination of
the end-on precipitates, precipitates in both samples were
characterized as needle-like, β ′′, and lath- shaped precip-
itates as majority and minority phases, respectively. Note
that β ′′ precipitates are the major precipitates responsible
for the observed maximum hardness in both shocked and
un-shocked samples. This agrees well with other stud-
ies on aging behavior of Al-Mg-Si alloys which show
that β ′′ precipitates are major precipitates associated with
the peak of aging [19, 27, 28]. Therefore one may con-
clude that pre-shock loading treatment did not have any
significant effect on the peak of hardness and associated
precipitates.

The effect of shock-loading becomes more pronounced
in the overaged condition. According to Fig. 11, in the
overaged condition, the hardness in the shock loaded
sample decreases faster in comparison to the un-shocked
material. This behavior is consistent with the DSC re-

Figure 13 Bright field imaging and SAD pattern at <100>Al zone axes of the microstructure of the AA6022 aged at 175◦C for 500 min (a-b) without
shock (c-d) with shock.
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sults of shock-loaded material (given in Fig. 6b) where
the acceleration of peaks III′ and IV′ was observed. The
DSC results and isothermal aging behavior of pre-shock
loaded samples suggest that shock-loading more likely
affects the phases closer to the equilibrium state (i.e. β ′,
Q′ and β phases rather than the clusters/GP zones and
β ′′ precipitates). As can be seen, the precipitation of β ′′
happens immediately after the formation of GP zones
which suggests that β ′′ nucleates on GP zones. More de-
tailed analyses performed by Murayama and Hono [12]
confirm that GP zones provide heterogeneous nucleation
sites for the β ′′ precipitates. Also the atomic probe field
ion microscopy (APFIM) studies of Edwards et al. [13]
on Al-Mg-Si alloys show that the distribution of inter-
mediate phases strongly depends upon the distribution of
co-clusters. Therefore, one can conclude that the precipi-
tation of β ′′ more likely depends on clustering/GP zones
rather than other microstructural defects. According to the
DSC results, shock-loading did not have any significant
influence on the formation of clusters/GP zones (see peak
I and I′ in Fig. 6). Therefore, it is reasonably expected
that the precipitation reaction corresponding to β ′′ would
not change either. That is why in both the shocked and
un-shocked samples the exothermic peak due to β ′′ pre-
cipitation was at a similar position (see peaks II and II′ in
Fig. 6). However after the β ′′ precipitates form, the forma-
tion rate of the subsequent phases can be affected by the
presence of these microstructural defects produced due to
the shock process. The reason can be explained by the fact
that β ′ and Q′ form due to the growth of β ′′ precipitates
[15, 24]. The presence of a large density of dislocations
and other microstructural defects accelerates the growth
rate of β ′′. These defects may act as rapid diffusion paths
for transferring the solute atoms from the bulk to the β ′′
precipitates, and thus the kinetics of β ′ and Q′ formations
become faster in comparison to the un-shocked sample.
It is also interesting to note that while in the un-shocked
sample (Fig. 4), both rod-like β ′ and lath-like Q′ precip-
itates are present, in shock-loaded samples (Figs. 8 and
9) only Q′ precipitates are seen. The Q′ phase was even
co-existed with equilibrium phases, β and Si (Fig. 10).
Therefore, one can conclude that the presence of dislo-
cations preferentially promotes the formation of the Q′
phase over the β ′ phase. It should be noted that both β ′
and Q′ phases have hexagonal crystal structure, and such
a promotion may not be predictable. However, it can be
explained by the fact that the habit plane of Q′ has been
determined to be {150} of the aluminum matrix [23]. The
repeat distance along the <150> directions of the alu-
minum matrix is 1.03 nm which is about the same as the
lattice parameter of the Q′ phase [22, 23]. Therefore the
precipitates tend to form as a lath so as to minimize the
misfit in its surface and hence its energy. In fact, similar
observations have been reported by Deschamps et al. [29]
and Ringer et al. [30]. Ringer et al. [30] showed that de-
spite similarities in the morphology and crystallography
of � and T1 phases, cold-working prior to aging promoted
the precipitation of T1 in an Al-Cu-Li-Mg-Ag alloy and

decreased the density of � phases in an Al-Cu-Mg-Ag
alloy.

4. Conclusions
The impact of shock-loading on the precipitation reaction
in an Al-0.55%Mg-1.10%Si-0.06 wt% Cu was studied
by means of DSC, TEM and hardness tests. The shock-
loading prior to aging altered the formation temperature
and the nature of the precipitation sequence in this alloy.
The following conclusions were made:

1. TEM analyses on DSC peak II′ and the peak of hard-
ness state revealed that shock-loading did not have any
significant impact on the β ′′ precipitates. This suggests
that the formation of β ′′ precipitates highly depends on
the GP zones rather than other microstructural defects.

2. In the overaged condition, the shock-loaded sam-
ple showed faster hardness reduction in comparison to an
un-shocked sample. TEM analyses revealed that shock-
loading accelerated the rate of formation of overaged pre-
cipitates, Q′ and β.

3. TEM analyses on the DSC peaks III and III′ re-
vealed that the precipitates in the un-shocked sample were
β ′+Q′, and the precipitates in the shocked sample were
Q′.
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